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Abstract

Blending different molar mass fractions of polydéme (PE) in order to obtain materials with
higher fracture toughness has previously proverfogal. Our approach has been to use coarse-
grained (CG) molecular dynamics (MD) simulations dbtain semicrystalline polyethylene
systems on a nanoscale, and then draw them in twraheimic tensile testing. The CG potentials
were derived, validated and utilized to simulatdtrequilibration, cooling, crystallization and
mechanical deformation. Crystallinity, tie chain darentanglement concentrations were
continuously monitored. During crystallization, tleev molar mass fraction disentangled to a
greater degree and ended up with a lower entangteaensity than the high molar mass
fraction, although the tie chain concentration wagher for the low molar mass fraction. The
deformation behavior of semicrystalline PE abowe gtass transition temperature was then
assessed in a uniaxial tensile deformation simaraflhe low-strain mechanical properties (i.e.
elastic modulus, yield stress and strain) werecroalance with the literature. The high-strain
mechanical features and toughness were improvédihodal systems. The presence of a high
molar mass fraction in bimodal systems was showmftect the crystallinity and tie chain
concentration during the strain hardening, leadiagtougher model systems. Finally, the
bimodal system with equal shares of the molar nfrassions showed the highest toughness and
the best ultimate mechanical properties while hgvan concentration of tie chains and
entanglements intermediate between the valuesidoother systems. This was a clear sign of the
non-exclusive role of tie chains and entanglemantthe mechanical behavior of bimodal PE

and more generally of semicrystalline polymersigh Istrains.



Keywords: semicrystalline polyethylene; coarse{ggdi molecular dynamics; tie chains and
entanglements

1. Introduction

Polyethylene (PE) with a bimodal molar mass distitn is a high-performance material for
applications such as blow-molded containers andbile packaging films with a higher strength
and lower weight than the traditional unimodal ralggives. The increased resistance to slow
crack growth of bimodal PE also makes it the stdtart material for water, gas and sewage
pipes with long service life [1], [2].

The structure-property relationships of multimodt have been studied [3-8], and it is
believed that the tie chains are responsible ferdiperior properties of bimodal PE, because
they exist at a higher concentration in bimodahtirmunimodal systems [3,9-11]. The primary
structural parameter (PSP2) introduced by Rohliamgl DeslLauriers [12] is believed to be
correlated to the fracture toughness. In their wibiky coupled size exclusion chromatography
(SEC) and infrared (IR) spectroscopy to obtain botlar mass and co-monomer distributions
and subsequently used the Huang and Brown tie ahautel [13] to calculate a PSP2 value,
which has been used to justify and predict the meical performance of bimodal PE [4], [14].

The role of entanglements formed during crystdilima and their impact on the fracture
toughness of bimodal PE needs further study. Alsialgain can participate in several crystalline
and amorphous regions, forming tie chains and gigarents, which are known to play a vital
role in the mechanical performance of the matddi&-17]. In bimodal PE, these topological
features of a polymer chain may differ dependingt®fength and branch content.

Monte Carlo (MC) and molecular dynamics (MD) sintidas have been used to assess
crystallization [18-23], microstructure [18], [245}2 and the mechanical behavior of

semicrystalline polymers [15], [25], [27-30], bhiese studies usually deal with model systems



with molecules having a single chain length or aseenble of molecules with a unimodal molar
mass distribution. Nevertheless, there are only #&wdies dealing with the simulation of
crystallization of bimodal polymers. Triandafilidt al. [31] used coarse-grained (CG) MD to
study the crystallization of poly(vinyl alcohol) {R) with both unimodal and bimodal molar
mass distributionsLuo et al. [32] studied the crystallization of loRYA chain mixtures with
very short chains (ca. 5 repeating units), whichreneonsidered to be the solvent phase, and
investigated the effect of chain topology on thestallization behavior. Jiang et al. [33] assessed
the growth rates of polymer co-crystallization e inary mixtures of two chain lengths.

Our aim was to use MD simulation to study the molac characteristics that affect the
crystallization and the fracture toughness of biald@E. There are two main routes to model
semicrystalline polymers at an atomistic level: The polymer chains are arranged in layered
structures with crystalline lamellae and amorphdagers and MC/MD is performed to
equilibrate the structure [24], [27], [34], [35R)(A liquid polymer structure is equilibrated and
thereafter crystallized into a semicrystalline stowe [18], [22], [32], [36]. The first approach
may result in realistic microstructures (lamelltacks), whereas the second approach generates
less-organized structures that may better resethbl@atural equilibrium structures, especially
with regard to deformation mechanisms during themiig of the systems at high strains [22].
However, there is a difference between the micuosiires obtained through the latter approach
and experimental observations due to computatipria#vitable higher cooling rates, which
correspond to extreme quenching [22]. We used #wersl approach. First, we derived CG
potentials using reference atomistic MD simulatiamslinear model PE systems and we then
used the CG potentials obtained in MD simulatiangquilibrate, cool and crystallize bimodal

PE melts to obtain semicrystalline structures. Wiiem desired equilibrated semicrystalline



models had been obtained, uniaxial tensile defaama?D simulations were performed on the
systems. The topological features (tie chains,rganents etc.) and thermodynamic properties
were continuously monitored from the beginning (ol state) until fracture in the tensile
deformation simulation.

The work was divided into two separate but relat@chparative studies: The study described
in the present paper, which exclusively deals \itbear bimodal PE systems, all the focus being
on the bimodal character of the systems to assessffects on tie chain and entanglement
concentrations, crystallization and mechanical bighaof the material. A second paper [37],
deals with more realistic bimodal PE model systémas have short-chain branches on the high
molar mass fraction, as in industrially relevantenals [38], and compares the results with the
results presented in the present paper. Short-diraimches act as defects for the crystallization
[17], [39] and consequently alter the morphologytioé semicrystalline state. For instance,
thinner lamellae have been observed in short dhi@nched systems [17], [39], [40], and these
affect the mechanical behavior of the material [14D]. Hence, distinguished studies for the
effects of bimodality and short-chain branches meeessary, and these lead to in-depth

investigations of each case.

2. Simulation models and methods

2.1. Model systems

Five systems were studied designated US100, B732650, B2575, and UL100 where U:
unimodal, B: bimodal, S: a chain with 320 carbomnag, L: a chain with 1280 carbon atoms, and
the numbers denote the mass percentage of the B emains. Due to computational limits, the

chosen model chains were shorter than the chairikeofeal bimodal materials, but the short



chains were sufficiently long to form entanglemddts] and the long chains were significantly

longer than the short chains to mimic the bimodiaracter of ‘practical’ systems.

Table 1. Compositions of model PE systems

System g .
US100 1280 -
B7525 960 80
B5050 640 160
B2575 320 240
UL100 - 320

®ns and n are the numbers of short and long chains, resdgti

The model systems were sufficiently large to prevedatistically reliable results and avoid
finite-size issues [27], and they were computatignaffordable for the equilibration, cooling
and tensile deformation simulations. Each systemsisted of 409 600 carbon atoms. The
cooling rate used wa8.2 Kns~1. The number of systems studied made it imposgiblase
united atom potentials to describe the atomistieractions, but the coarse-grained method was
found to be very efficient. This method allowed gutationally fast equilibration and cooling
simulations for larger systems and also made isiptesto assess highly strained systems [22],

[30], [31], [36], [42], [43].



United atom

Fig. 1. Representation of the mapping scheme uséus study. The chain-end bead (ETS) and
backbone beads (ETH) are illustrated with red doe lsolors, respectively. The united atoms

are shown in green. The molecular visualizationsevmeade with the OVITO package [44].

2.2. Coarse-graining

Fig. 1 shows the coarse-grained mapping scheme iasédis study. Each backbone PE
repeating GH, unit and chain-end s unit were mapped as ETH and ETS beads with masses
of 28.0532 and 29.0611 g niglrespectively. The center of mass was maintainetddé mapping
procedure. A set of potentials capable of desagiltire coarse-grained linear PE system were
derived using the iterative Boltzmann inversionl)IBiethod included in the MagiC package
[45]. Classical MD simulations were first performed linear atomistic reference systems and
simulation trajectory snapshots were stored. The@png scheme, bonded and non-bonded
interaction types were assigned to MagiC, wheredfie MagiC used the stored trajectory
snapshots and the mapping scheme as input andlatattuhe reference radial distribution
function (RDF) between bead pairs, using a 25 Affuas well as the bond length and angle
distributions between consecutive backbone beadsthé 1Bl procedure which was then
performed, MagiC started from direct inverse Bolizm potentials calculated from collected

distribution data after which, starting from a C@pped structure, it sampled the potential phase



space through a certain number of MC steps in d@acaition. At the end of each iteration, it
calculated a new set of CG potentials based ordidtebution data obtained for the simulated
mapped system and applied corrections with the aimeproducing the reference distribution
data. The detailed IBI procedure can be found disesv[45]. It was typically performed for
about 50 iterations each for a total of 2%Hguilibration and sampling steps, until the RDF
deviation between MC sampled CG distributions dredreference distributions was less than 2

%.

2.3. Atomistic molecular dynamics simulations
Three separate atomistic amorphous systems cangsti200 linear chains of 1ggH202 Were

generated at 450 K, using the EMC package [46], M®lecular dynamics simulations with an
initial equilibration at 450 K, cooling to a tempéure of 350 or 300 K, and finally production
runs were performed in the NPT ensemble, the taegaperature and atmospheric pressure
being fixed using the Nosé-Hoover thermostat [48§1 @arrinello-Rahman barostat [49].
Periodic boundary conditions were applied. The PBRJA (transferable potentials for phase
equilibria, united atom version) force field wasddo describe the atomistic potentials both for
the melt generation step and for MD [50-52]. Presig, the TraPPE-UA has been shown to
reproduce reasonably well a good number of imporfaoperties of both linear [23] and
branched [34] PE systems in the melt [23] and seystialline state [35], [23]. The 14 A cutoff
was used for the van der Waals interactions. Witma step of 1 fs, Newton’s equations of
motion were integrated using a leap-frog algoritfa8]. Each atomistic MD simulation in the
production runs resulted in a 400 ns trajectorwbich the first 100 ns were considered only as
equilibration. The atomistic MD simulations wererread out using the GROMACS 5.1.2

package [54].



2.4. Coarse-grained potentials

The best practice of CG potentials derived usirggstandard IBI is at the particular pressure
and temperature of the reference atomistic systeed.uHowever, depending on the coarsening
level, the potentials can remain valid to descthEe system in a temperature range surrounding
this particular thermodynamic point [55]. The cearthe mapping scheme, the smaller is the
valid temperature range of application [56], [3S|nce the CG mapping scheme used was not
very coarse, it is assumed that the valid temperatinge covers +50 K of the temperature of the
reference atomistic system. The CG potentials waleulated separately at 300 K, 350 K and
450 K in order to be applied to systems includingraperature range from 300 to 450 K. The
final CG potentials obtained using IBI describe load stretch, bond angle and non-bonded pair

interactions between the PE beads.
2.5. Coarse-grained molecular dynamics simulations

For all five model systems, CG simulations werefqrened using the derived CG potentials:
The systems were equilibrated at 450 K for 20Ccosled at a rate df.2 Kns~! from 450 K to
400 K using the CG potentials for 450 K followeddmnoling at the same rate from 400 K to 350
K using CG potentials for 350 K. Finally, the syatewere equilibrated at 350 K for 100 ns
using the CG potentials derived at 300 K. The tgpentials were used to make the crystal
stems more distinct, i.e. straighter and less th#dyndistorted. After obtaining an equilibrated
semicrystalline system, the uniaxial tensile defation simulation was performed at 350 K on
all systems, using a computationally affordable tstrain rate of 5x10s*. This combination of
high strain rate and high temperature was expdctedproduce the mechanical behavior of the
material being stretched at a lower strain rate temdperature thus closer to experimental

conditions [28,57,58]. The draw direction was clmoas the direction with which the crystalline



CG bonds were least correlated, according to thetiose 2.7. During the deformation,

atmospheric pressure was maintained in the otherdivections. The LAMMPS package [59]

was used for all the CG simulation runs. The Noséér [48], [60] thermostat and barostat
were used with damping parameters of 100 and 1i@@® dteps, respectively. Also, to speed up
the simulations while taking care of energy conaggon, especially for the fastest degrees of
freedom (bond stretching and bending), a multipteetstep algorithm, the reversible reference
system propagator algorithm (rRESPA) integrators wsed. This algorithm decouples slow and
fast degrees of freedom using different Liouvillgemators for each, making it possible to use
more than one time step for integration of theadéht degrees of freedom [61]. Time steps of 1,
2 and 8 fs were used for the stretching, bendirdy reon-bonded interactions, respectively. A
cutoff of 16 A was used for non-bonded interactioifie CG trajectory snapshots and
thermodynamic properties of the systems were stfmednalysis at 1 ns and 0.2 ps intervals
during the formation stage, and at 0.5 ns and 8.2nfervals during the tensile deformation

stage.

2.6. Entanglement analysis

The entanglement analysis methods that use pumneggoal criteria are quicker [62] and
more proper [27] than other methods when inhomogeneemicrystalline systems such as those
in this study are to be considered. The fastesnawst frequently used geometrical method is the
Z1-code [62—65] used in this study. The Z1-codareras the primitive path network of a given
trajectory snapshot and determines several integegipological properties, of which we were
mainly interested ir¥, the number of entanglements (number of kinkspaoh polymer chain,
and N¥k | the number of CG beads between the entanglenoémisgn each chain, which are

related through the equation [64]



N(N = 1)

Nkink N) =
N =N DTN

(1)

whereN is the number of CG beads per molecule. The ZEB@iso calculates the number of
CG beads between entanglement points, based anth®-end distance and contour length of
the primitive path of a chain, but this latter aygwh is less appropriate for semicrystalline

systems as the conformations of the chains aremgel Gaussian [18,32].

2.7. Tiechain and crystallinity analysis
An in-house MATLAB code was developed to quanttfg polymer mass crystallinity,, the
average crystal stem length the tie chain concentration and average oriantgiarametes.

This algorithm used three filters to recognizedhestal stems in each molecule:

1. For each CG bead the average angly between bonm_}”ilpr1 and 10 neighboring bonds
was calculated. Based on the bond angle distributialculated for the CG mapped
reference atomistic system at 300 K (shown in Ba, the CG bond angle ab5° <

6, < 180° could belong to a crystal stem.

2. The angled, between two consecutive vectors that connect esecgnd bead (i.e. the

angle between vectors 3}_21 and 17}_1,1-4,1) should be less than 12°. The latter value is

an arbitrary angle.

3. The anglef; between two consecutive vectors that connect etrerg bead (i.e. the

angle between vectors Bf_, ;,, and V,_; ;,,) should be less than 12°.

10



The angle®9,, 8, and 8; were acceptable within their defined ranges andomby as single
values, in order to account for thermal distorteffects as well as the coarse nature of the CG

system.

At least, 8 consecutive CG beads had to meet titese criteria to be accepted as a crystal
stem. We are aware that this minimum crystal semgth of 8 beads (8 all-trans repeating units
~2 nm) is shorter than the established experimentaimum value of ~20 beads (5 nm) for an
orthorhombic PE crystal [66], but crystalline raggp 8 beads thick or more, were actually
formed in the modeled systems (Fig. S1). It waé lofiserved in this study (see secti@B:Tie
chains and crystallinity analysis in the formation stage’) and has also been reported elsewhere
that the CG model of linear polymers results ineaagonal crystal unit cell, which is different
from the orthorhombic unit cell, but most importdot this study was that the larger scale
features of the crystals such as the lamellar strecand the folds along the chains were well
reproduced [55]. A single trajectory snapshot waalyzed per time and the coordinates of all
the crystal stem beads were stored. If the aveaagkf,;, between all the stem bond vectors of
two consecutive crystal stems belonging to the samokecule was smaller than 165°, the chain
segment connecting these stems was considered to tiee Thisf;, < 165 was visually
examined thoroughly. The mass crystallintty was calculated as the ratio of the number of CG
bonds belonging to crystalline parts to the totainber of bonds in the system. An average

orientation parametef, similar to the Herman orientation parameter [67s calculated for all

crystalline CG bond¥& with respect to the three main Cartesian unitoarsdt j andk, parallel to

the x, y and z axes, using:

_ 3{cos?8;) -1
5. = ( _ i)
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s - 3(cos?6;) — 1
Y 2

_ 3(cos?*6z)—1
S, = ——

(2)

where6;, 6; andf; are the angles between an individual crystallioecbl7 and the respective
unit vectors. For example, an average= 1.0 or S, = —0.5 means that all the CG crystal stem
bonds are parallel or perpendicular to the x axisgereas an averagg = 0.0 means that the
average orientation of crystalline bonds with resge the x axis is completely random. For
tensile simulations, the model samples were stegtéh the direction where the value Sfvas

closest to 0|6| < 0.05 was chosen for the draw direction for all samples)

3. Results and discussion

3.1. Coarse-grained potentials

Three non-bonded and four bonded CG potentials vderéved for each of the three
temperatures. The derived CG potentials reprodubedbond length, bond angle and non-
bonded radial distribution of the mapped referestoenistic systems with a discrepancy of less
than 2 %. Two examples are presented in Fig. 2. Sdme high convergence was observed

between the other calculated atomistic and CGildigtons (not shown here).
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Fig. 2. Reproduction of the reference distributitata using the CG potentials for (a) the ETH-
ETH-ETH bond angle distribution for the PE modetaived at 300 K, and (b) the ETH-ETS

non-bonded radial distribution function for the PE&del obtained at 450 K.

The isobaric thermal expansion coefficientvas calculated for the UL100 by cooling it from

410 K to 400 K and using the equation [23]:

«=757), = o),

3)
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where V, T andp are the volume, temperature and pressure of thermsy respectively. The
a = 6.21 x 10~* K™ obtained was comparable with the experimental datge 6.96 — 7.38 x
10~* K™ [68] and the value of 7.2xT0K™ for linear GoodH2002at 400 K previously simulated

using the TraPPE-UA force field [69].

The isothermal compressibilify was calculated for the UL100 using thermodynanaiador
the final 70 ns of the equilibration run at 450d€ring which the density was stable, using the
equation [69-71]:

1 (A=)
_kBTX (V)

B

(4)

wherek; is the Boltzmann constant. Tife= 1.45 x 10~* atmi’ obtained was comparable with

the experimental value df11 x 10~* atni* at 440 K for HDPE [68].

The densities of the equilibrated UL100 and US1@Msmwere 0.787 g cthand 0.783 g cifl
in agreement with the simulated values of respehti0.780 g crif and 0.773 g cifor linear

CioodH2002and GogHea2 at 450 K obtained using the TraPPE-UA force f{éld].

Using the Z1-code, the average numbers of entaregitnper chainZ) for US100 and UL100
equilibrated at 450 K were calculated to be 9.6 38&, respectively. These larger values were
comparable with the values of 8.4 and 30.0 obtalmedimulations [69] using the TraPPE-UA
force field. The average end-to-end distatRg ?)*/? and contour length of the primitive path
(Lpp) obtained were respectively 86.9 and 188.0 A ferahuilibrated US100. These values are

larger than those obtained by atomistic simulatigi®s1 and 164.0 A [69]. The inevitable less
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detailed nature of the CG potentials is the redeonhe discrepancy. For instance, no dihedral
angle distribution was considered when deriving@i&& potentials. The CG potentials were used
in order to be able to simulate several, otherng@m@aputationally expensive, model systems for
long simulation run times and to compare their togies and mechanical behavior. The
observed errors in topological characteristicsofe#éd the same trend for both the short and the
long chains e.g. higher entanglement concentratias observed for both US100 and UL100.

Thus, the errors are assumed to be of minor impoetéor this comparative study.

3.2. Entanglement analysis in the formation stage

It has been shown that the entanglement charaaterin the molten state, even at
temperatures much higher than the crystallizatemperature, affect the final semicrystalline
state [18], [72]. It is therefore helpful to follothe evolution of entanglement characteristics
during the entire formation stage. Fig. 3a shovwet the number of entanglements in US100
reached a plateau value by the end of the init@lildration at 450 K. A higher long chain
content required a longer equilibration time. Hentée equilibration time was longer than the
currently used 200 ns, all the systems would hagehred a similar entanglement concentration
[69]. Fig. 3b, confirmed th& results with more distinguished plateau valuesttiernumber of
beads between entanglements . The first cooling fdace over a period of 250 ns from
t =200 to t =450 ns, during which time the model systems were ab@lem 450 to 400 K
using the CG potentials derived at 450 K. Fig. Boves a steady increase with time of the
average end-to-end distang,,?)1/? which means that the chains became stiffer [68]s Ts
also observable in Fig. 3a, where théncreased in agreement with other computationaliss
[18,72]. In the second cooling period fram= 450 tot = 700 ns, the systems were cooled from

400 to 350 K using the CG potentials derived at B50n Figs 3a-d, at = 450 ns, there is a

15



sudden vertical shift due to the change in CG gatlsncombined with the effect of restarting the
MD run from the last checkpoint at= 450 ns. This was an artifact of no physical significan
The chain stiffening continued until crystallizatidook place in the 360 — 365 K range. The
sudden disentanglement shown in Fig. 3a and thease in density in Fig. 3d were signs of
crystallization [18,72]. There is a vertical degsghift at 700 ns where the potential was
switched to the potential derived at 300 K. Thiréase was because of the higher density of the
atomistic reference system at 300 K than at 350H€ systems shrank in size immediately after
the potential switch, but rearrangement of polyrdeains in order to alter the entanglement
concentration requires longer times to occur. Thhsre was no shift in the entanglement
concentration at 700 ns as correctly monitored Hey Z1-code. During the crystallization the
entanglements were less preserved for the sharictzan the long chains, and the short chains
thus had less entanglements in the semicrystalBtege [17]. The concentrations of
entanglements for each fraction (Fig. S2) also @tbwhat, compared to the US100, the
entanglement concentration of the short chain ifsacin the final semicrystalline state was

significantly higher with even as little as 25 wtléfg chains in the bimodal systems.

16



Time (ns)
0 100 200 300 400 S00 600 700 800

0.07
0.06
-
g 0.05
2 —US100
= —RB752%
20,04 —B3050
N B2575
—ULI0)
0.03
0.02
45
40
— L5100
35 —B7525

—B3050 (b)

- (e)

—
425
=
=1

F 400
-

2375
£330
325

300
O 100 200 300 400 500 600 700 800

Time (ns)




Fig. 3. Results of the entanglement analysis dutiiegwhole formation stage: (a) the average
number of entanglements per CG bead, (b) the awanagber of beads between consecutive
entanglements, (c) the average end-to-end distéRge)/2, (d) the density, and (e) the

temperature profile of the system during the foramastage included as a guide.

3.3. Tie chains and crystallinity analysis in the formation stage

Fig. 4 shows the results of tie chain concentratiod crystallinity analysis. Figs 4a-c show
that the onset temperature of crystallization desed in the order US100, UL100, B5050,
B7525 and B2575. It seems that a bidisperse chamgth distribution, suppressed the
crystallization onset temperature. This confirmied tesult of an earlier theoretical study [73].
There was also a small secondary increase in geasd crystallinity for US100 and B7525
during the final equilibration stage. It was mom@mpunced in US100 for which the average
crystal stem lengtll also increased. Given that the short chains carstate faster than long
ones, a local reorganization of the former couldrésponsible for this secondary increase in
crystallinity. Again, the switch in potential toettone derived at 300 K was responsible for the
vertical density shift at 700 ns. The mass cryisiig}l (density) of the systems was between 0.61
(0.943 g crif) and 0.44 (0.915 g ch), showing an increase with increasing low molassna

fraction. TheX., density pair values obtained were in agreemetiit @iperimental data [12].

Switching the potentials at 700 ns increased thesitdeof the system which corresponded to
an increase in crystallinity as correctly trackegdtie increase in the total number of crystalline
bonds. However, the concentration of ties (Fig. didpped after the potential was switched. A
careful visual inspection of the system trajecbefore and after the potential switch (Figs S3
and S4) showed that the tie chain and crystalliaigorithm operated correctly and, as desired,

the results after the potential switch were evememeliable. It should be noted that the tie chain

18



increase trend observed before the potential svistctorrect, even though its absolute value is
erroneous. The calculated results of tie chain @agdtallinity algorithm before 700 ns should
only be used to observe the general trends in @lmilated properties such as increase in the
average crystal stem length (Fig. 4(c)). The caled values after the potential switch for the
different model systems can be quantitatively camgaThe final concentration of ties was
higher in systems with a higher short chain fractiwhich was less expected and was in contrast
to the results for the number of entanglements. (B&). The relative difference in the final
crystal thickness values at 800 ns (Fig. 4(c)) leas than 8 %, but the relative difference in the
final crystallinity values was more significant. i&idering the observed co-crystallization of
both chain species and the similar average crggtah lengths in all systems, it was expected to
have higher tie chain concentration for systems \wigher crystallinity as can be observed in

Fig. 4(d).

19



Time (ns}
gSU 500 550 600 630 00 750 bl
0.9
*:-E a9 —B7525
o~ — 5050
&0
3_0.8?5 B2575 (a)
E —UL100
= 085
a
0.825
0.8
0.7 T T .
0.6
—Uus100
0.5F |—nB752s
—R5050
0.4 B2575
54" —ULI00
0.3
02 (b)
0.1 :
0
25
ol [—Usico
—p7523
—B5050
B2575
= 15F |—UL100
10
0.014
0n.012
—Usi00
= 001} |—B7S25
g —B5050
= 0.008 B2575
= —ULI00
.;0,006
[-U.UU-I (d)
0,002
0
425
g-mo
z
E
w375
-
{9
- (e)
=]
= 350
325
450 500 350 600 630 700 750 800

Time (ns)

20



Fig. 4. Results of crystallinity and tie chain grséd during the cooling and final equilibration
stages: (a) the density, (b) the total mass ctistgl X, (c) the average number of beads in a
crystal stemd, (d) the average number of tie chains per beadi(@nthe temperature profile of

the system included as a guide.

The thickening of the crystallites during the firequilibration phase was confirmed by the
crystal stem length distribution just before thégmbial was switched (Fig. 5a) and at the end of
equilibration stage at 350 K (Fig. 5b). The potaingwitch allowed the stems to grow longer,
after which the average crystal stefinremained almost constant (Figs 4c, S5). It shdd
mentioned that, to further examine the tie chaid aerystallinity determination algorithm, the
final trajectory snapshot of UL100 was energy miagd using a conjugate gradient algorithm
and the resulting structure was analyzed with édarcrystallinity. The crystallinity was 5 %
higher in the energy minimized structure than i skructure prior to energy minimization. The
content of tie chains showed a 10 % lower valuthenenergy-minimized structure than in the
structure prior to energy minimization. This meé#mat the equilibration method used efficiently

accounted for the impact of thermal distortion.
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Fig. 5. A typical histogram showing the crystalnstiength (beads) distribution of UL100 (a) just
before the potential was switched at 700 ns, anda{lthe end of equilibration at 350 K at

t = 800 ns.

Segregation of different molecular species duringtallization is observed in most polymers
[67], and the blends of linear PE chains with défé lengths are no exception. However, the
degree of segregation depends on the differencham lengths of the components and on the
cooling rate [74]. According to the lengths of steort and long chains the equilibrium melting
points of both components were sim[Br], thus, the cooling rate was more decisiveakssult
of the high cooling rates and the fact that nuad@atvas homogeneous [18,75], only co-
crystallization of the long and short chains wasesbed (Fig. 6). This computational limitation
was good in that simulated co-crystallized systeesembled the real world bimodal PE
materials with a very significant degree of co-tajlzation of the low and high molar mass
components, and this validated our chosen modedippyoach to assess the mechanical behavior
of bimodal PE. Fig. 7a confirmed the visual inspecbf co-crystallization. Figs 7b and ¢ show
that the contribution of each fraction to total stgllinity and tie chain content was almost the

same as their fractions present in the simulatetesys.
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Fig. 6. The B5050 system at the end of the formastage: (a) the semicrystalline structure with
amorphous regions between crystalline parts, (blew normal to a 20 A thick slice of the
system, and (c) the hexagonal crystal unit celetgp well as the co-crystallization of short and

long chains colored red and yellow respectively.
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tie chains, and (d) the temperature profile ofdpgtem included as a guide. Note that the legend

is the same for parts a, b and c.

3.4. Mechanical performance

The true stress-strain responses of the modelmegséee plotted in Fig. 8. The stress values
obtained through the MD simulation fluctuated, smaving average was applied in order to
better visualize the behavior of the different skaplt was found in a recent study [76] that the
stress oscillations occurring after the post-yipldteau are due to repeated chain melting and
transport from crystalline to amorphous regiongsthoscillations were very limited if explicit
H-H and C-H repulsion interactions were used [7Hje oscillations were observed in the
present study, but the main characteristics ohteehanical behavior of the model systems were
reproduced sufficiently well to serve the purpo$ecomparison. Table 2 summarizes some
selected mechanical properties of the systems. khown that the elastic modulus of the non-
oriented PE is a unique function of crystallinitg4[77]. This holds for the modulus results
obtained except for UL100 with a modulus not veiffedent from that of the bimodal systems
B2575 and B5050. The modulus values were in agreemigh simulation results of Yeh et al.
[25] on samples stretched at the same strain ratgeanperature. The yield stress is known to
increase with increasing crystallinity [77], an@ tield stress values showed the expected trend.
The absolute values of stress and strain at thie yeint were in good agreement with
experimental data obtained at 20 °C for unimodal P& More interesting were the properties
at failure i.e. at the maximum stress point. Theesststrain plots of the blends showed
pronounced strain hardening than for US100. The5B5@as the toughest of all the modeled
samples and showed the highest stress and stréanfuae. This is, to our knowledge, the first

time that the characteristic toughening effecthe# mechanical behavior in bimodal PE blends
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has been revealed using molecular simulation. Theemealistic short-chain branched bimodal
systems have been investigated in another study(§87mentioned in the introduction), which

showed materials even tougher than their lineantparts.
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Fig. 8. The true stress-strain curves of the matlsystems.

Table 2. Mechanical properties of modeled PE systems

System Elastic  Yield®  Yield® Stressat Strainat Toughness
modulu§¢ stress  strain  failure® failure

(MPa)  (MPa) (MPa) (MPa)
US100 303 21.9 0.13 733 0.90 26
B7525 205 15.2 0.11 82.2 1.51 51
B5050 167 15.0 016  117.0  1.77 75
B2575 163 12.7 0.12 97.5 1.70 69
UL100 170 12.2 011 1116  1.69 59

@Calculated from the true stress-strain data upsivaan of 0.05, according to ref. [36].

P The first peak stress (more easily observed inreging stress-strain curves not shown here,
then located accordingly) in the true stress-stranves.

“The strain at the maximum stress value (failureoi
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d Calculated by integration of the true stress-steairve up to the failure point [77].
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Fig. 9. (a) The crystallinity, tie chain and entemgent concentration superimposed on the
stress-strain curve for the B5050 system. Note thatvertical axis presents only the stress

values. (b) The zoomed tie chain per bead vsnstoaiall the modeled systems.

3.5. Crystallinity and topological analysisin the deformation stage

Fig. 9a shows the crystallinity and the conceraratiof tie chains and entanglements during
deformation for B5050 as a representative bimoygstiesn. The deformation process was divided
into the following 5 stages: Stage 1 is from zdrais to a strain of ca. 0.1 above the yield point.
In this region the number of entanglements remagwetstant (Figs 9a, 11) for all the systems,
which was expected because the plastic deformatansmall and the chain segments between
entanglements were not fully stretched [77]. Theres a small (ca. 5 %) decrease in mass
crystallinity in stage 1 (Figs 9a, S6), due todgfects caused by force in the crystallites, with
stems not parallel to the tensile direction (Fig), early small strains and (ii) lengthwise gan

slides in crystallites [25,28,74,76—78] during aafter the yield point. In the latter case, an
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apparent increase in the number of tie chains coelexpected since the previous loops entering
the same crystal block were acting as tie chainmecting the slid blocks. However, other
trends were also revealed: the number of tie chdéeseased with increasing strain for US100,
starting almost immediately on straining, wherdashowed an increase for UL100 (Fig. 9b).
The disruption of small crystallites [78] (Fig. S&gs the reason for the reduction in the tie
chains.These counteracting effects cancel out in B5050 BA&25, for which a plateau-like
region was observed in the tie chain concentratiome. With a continuation of the deformation
in stage 2, the post-yield plateau-like region whserved in the stress-strain curve; crystallites
rotated towards the tensile direction (Fig. S9) ahdin disentanglement was another apparent
feature (Figs 9a, 11). The tie chain concentrasbowed an apparent increase, despite the
decrease in crystallinity, due to the breakdowisahe lengthwise-longer crystallites to smaller
crystallites as indicated by the decrease in tlezame crystal stem length (Fig. S10), as well as
by the decomposition (slippage) of wider crysteflito smaller narrower crystallites [78] (Fig.
S11). There was a systematic overestimation affteens in the code as the result of disruptions
along the crystal stems. However, most of the afeskmcrease in the tie chain concentration
was real. Plastic deformation continued in stageh®re strain hardening occurred [77]. This
was accompanied by an increase in crystallinity ugisentanglement and further alignment of
the chains in the tensile direction (Fig. S12). eTédode might overestimate the increase in
crystallinity but an overall increase in crystalijnwas expected [79]. In stage 4, the strain
hardening was very pronounced; the tie chain cdraton leveled off, basically because almost
all the crystalline bonds were aligned in the tiendirection leading to unification of some of the
consecutive crystal stems, confirmed by the in@dasthe average crystal stem length (Fig.

S10), which led to a reduction in the tie chainaantration. As shown in Fig. 10, the proportion
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of long chains in the crystals and the tie chaincemtration slightly increased during the later
strain hardening region, which suggests that thg thains played a more important role in the
strain hardening. The inability of US100 to recoitsrapparent initial crystallinity during the
strain hardening is another sign of the lesseicefiéshort molecules in stabilizing the structure
at higher strains. Comparing the entanglement tessit zero and failure strains in Fig. 11a
shows that the bimodal systems tended to disergatogl greater extent than the unimodal
US100 system. This could explain their higher fieettoughness than that of US100. The
similar decrease in entanglement shown in Fig. fbtbshort and long chain fractions in the
blends and in UL100 emphasized the effect of tieerjporation of long chains in the blends and
their dominating role for the entanglement denssifage 5 started immediately after the failure
point at which a void ca. 5nm in length had formeal it continued until the stress became zero
(fracture point). The void grew with increasingastrand formed a craze surrounded by highly
elongated fibrilar strands of chains responsibletti@ increase in the crystallinity. The stress-
relieved chains contracted to some extent and foritted crystallites (Fig. S13). As shown in
Fig. 12, the volume of the system was preservethgduteformation with less than 3 % increase
until the end of stage 4 after which the voids fednand crazing occurred. Fig. 13 shows a 10 A
thick slice of the B5050 system at strains corresiggg to the start and end trajectory snapshots
of the different deformation regions, and makegpassible to observe the aforementioned

morphological changes during the deformation.
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Fig. 11. (a) The average entanglement per beastnasn plotted from zero strain to the strain at
which the stress again becomes zero. (b) The avexatanglement per bead for each fraction.

The failure strains are indicated by vertical bmokees for each system.
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Fig. 12. The total volume of the system normalizégth respect to the initial volume plotted

against the strain for the B5050 system. The dedtion stages for the B5050 are also given.
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Fig. 13. The B5050 system shown in a view normal i® A thick slice of the system parallel to
the xy plane. The strains at each trajectory srapsbrrespond to the starting states of the
deformation regions 1 to 5. The snapshot with strai= 1.80 is taken slightly after the

beginning of region 5 and is presented to illustthe craze development.

4. Conclusions

The effects of a bimodal molar mass distribution ten chains and entanglements during
crystallization and tensile deformation of lineanscrystalline PE systems were investigated
using coarse-grained MD simulations. CG potentiaége first derived based on atomistic
reference trajectories at three temperatures ubmdBl method, after which the CG potentials
were used to simulate two unimodal and three bimnlbgear systems of various compositions.
The derived CG potentials successfully reproducee bonded and non-bonded (RDF)
distributions, with a discrepancy less than 2 %wal as important thermodynamic properties
(density, isobaric thermal expansion coefficientl asothermal compressibility). Furthermore,
the derived CG potentials managed to reproduceldgmal features of the melt such as
entanglement density, average end-to-end distamte&@ntour length of the primitive path, and
the results obtained were in good agreement witkethreported for atomistic MD studies [69].
The potentials obtained were then used to equibitae model systems in the molten state at
450 K and subsequently cool them to 350 K initigtonystallization before final equilibration at
350 K prior to mechanical deformation simulatio8siffening of the chains during cooling and
their disentanglement during crystallization wasewed. The systems crystallized through
homogeneous nucleation as a consequence of rapithgaates necessitated by MD. This

limitation helped the short and long chains to cgstallize in proportion to their weight
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percentages. Semicrystalline morphologies of raigamented crystallites were obtained. The
structures showed characteristic features of mg#tallized PE on a nanometric scale, namely
tie chains, entanglements, folded chains, loos@daand chain ends. An in-house code was
developed to determine the mass crystallinity, tatystem length distribution and tie chain
concentration. These properties together with thiarglement density of modeled systems,
were continuously monitored from the starting molstate to the mechanical fracture point.
During the formation stage, average crystallinjtiés chain and entanglement concentrations of
the bimodal systems were between the correspondihugs for the unimodal systems. During
the crystallization, the extent of disentanglemesats greater for short chains than for long
chains. At the end of the formation stage, a lalgreg chain fraction corresponded to a lower tie
chain and a higher entanglement concentration.iffideeporation of high molar mass fraction as

low as 25 wt.% significantly increased the entangdet density of the system.

The uniaxial tensile deformation was performedatirmodel systems until failure, crazing
and fracture were observed. The volume was suadBsgieserved until void formation and
craze propagation occurred. The high-strain termitgerties were improved in the bimodal
B5050 and B2575 systems which showed higher towgghnvalues than unimodal systems.
During the deformation, distinct strain regions &ebserved. The crystallinity decreased during
the deformation until after the post-yield plategtuwhich strain hardening began and then
increased until the fracture point. The entangléntamcentration was almost constant up to
slightly above the yield point, after which disemgement was observed until the fracture point
with higher rate of decrease in the strain hardgneygion (stages 3 and 4). The tie chain
concentration showed different trends for short bomd) chain fractions at small strains. After

the yield point, it increased until the middle bétstrain hardening region, after which it started
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to descend gradually until fracture occurred. Tigh molar mass fraction’s share in crystallinity
and tie chain concentration increased in the sthardening region until the failure point.
Finally, despite having intermediate concentratiohsie chains and entanglements, the B5050
sample proved to be the toughest system of allchvisi contrary to the long believed “exclusive
role” of tie chains or entanglements for improvedghness and ultimate mechanical properties

of bimodal PE and of semicrystalline polymers ingal.
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Highlights:

Accurate coarse-grained potentials were derived to describe the interactionsin linear PE.

* Unimoda and bimodal PE model systems were generated and crystallized using coarse-
grained molecular dynamics.

* Crystdlinity, tie chain and entanglement concentrations were continuously monitored

during crystallization and tensile deformation simulations.

« Higher fracture toughness of bimodal PE systems was computationally revealed.



