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a b s t r a c t

The effect of Laves phase (Fe2Nb) formation on the Charpy impact toughness of the ferritic stainless steel
type AISI 441 was investigated. The steel exhibited good room temperature toughness after solution
treatment of 30 min at 850 ◦C, but above and below this treatment temperature the room temperature
impact toughness decreased sharply. In as received and already brittle specimens where different volume
fractions of Laves phase were introduced through isothermal equilibration at various temperatures below
850 ◦C, it was observed that a decrease in the Laves phase volume fraction with increasing annealing
temperature towards 850 ◦C (Thermo-Calc® predicted a Laves phase solvus temperature of 825 ◦C versus
a later measured solvus of 875 ◦C for this steel) corresponded to an increase in the impact toughness
of the steel. On the other hand, annealing at various temperatures above 900 ◦C where no Fe2Nb exists,
grain growth was found to also have a very negative influence on the steel’s room temperature impact
properties. Through deliberate prior grain growth and by varying the cooling rate after solution treatment,
it was found that where both a large grain size and Fe2Nb are present, it appears that the grain size of the
two is the dominant embrittling mechanism. It was possible to qualitatively relate the impact strength
results to current models on the effects of grain size and brittle grain boundary precipitates on the brittle
fracture of ferritic materials. Finally, both the presence of Fe Nb and grain growth, therefore, have a
2

significant influence on the impact properties of the type AISI 441 stainless steels, which leads to a
sing “
g pro
relatively narrow proces
rates in the manufacturin

. Introduction

The automobile industry is currently driven by safety and envi-
onmental regulations, specifically the need for drastic reductions
n gas emissions. For this, it is necessary to increase the exhaust gas
emperature to approximately 900 ◦C and to reduce the weight of
he exhaust system [1,2] and the automobile industry is searching
or alternative or new materials. These must have excellent heat
esistant properties, especially thermal fatigue resistance [3]. Mild
teel is, therefore, being replaced by other materials, which have
ood thermal fatigue resistance and are light in weight.

Materials for this application should have both high yield
trength at high temperature and a low coefficient of thermal
xpansion. Ferritic stainless steels have a relatively low coefficient
f thermal expansion and, therefore, some efforts have been made

o create new ferritic stainless steels with high yield strengths at
levated temperatures, particularly by the addition of niobium (Nb)
hich increases the initial high temperature strength through solid

olution hardening.
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window” in the final hot rolling temperature followed by rapid cooling
cess.
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Stainless steel AISI 441 is used in the manufacture of vehicle
catalytic converter shells. It is a Ti and Nb dual stabilised fer-
ritic stainless steel with improved stress-corrosion resistance and
mechanical properties from solid solution hardening [4–6]. The
alloying elements also lead to the formation of a variety of precip-
itates such as Nb(C,N) and Ti(C,N) (carbo-nitrides), Fe2Nb (Laves
phase) and Fe3Nb3C (M6C carbide). The effect of these Nb pre-
cipitates on the high temperature strength of these steels is still
being debated, but it has been reported that rapid coarsening of the
Laves phase significantly reduced the high temperature strength
[6,7]. However, detailed analyses of these effects have not yet been
made.

Embrittlement is experienced from time to time during the pro-
cessing of type AISI 441 steel. This problem is considered to possibly
be generic because it appears in the hot band material prior to
annealing, whereby the material is found to be brittle after being
coiled. It has been suggested that the embrittlement might be from
the formation of the intermetallic Fe2Nb during or after hot rolling
combined with slow cooling [8]. After rolling on the hot finishing
mill at Columbus Stainless, the finishing temperature of the steel

strip is approximately 900 ◦C, and the strip is then rapidly cooled to
below 600 ◦C by laminar cooling with water sprays on the run-out
table to avoid Fe2Nb formation and is then coiled. In a few cases
hot rolled coils have been found to be brittle and could not be pro-

ghts reserved.
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Table 1
Chemical composition (wt.%) of the type 441 ferritic stainless steel.
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concluded that the composition of the Laves phase is most likely a
Nb-rich (Fe,Cr)2(Nb,Ti) and this was confirmed in this steel by both
SEM-EDS and TEM-EDS analyses [10]. Fig. 1(b) shows an isopleth
section for the ternary phase diagram of stainless steel type 441 in
C Cr Mn Co V

0.012 17.89 0.510 0.030 0.120

essed further, an embrittlement that was found not to be from any
rowth in ferrite grain size [8].

Nb additions to these steels improve their high temperature
trength by solid solution hardening. However, solute Nb can pre-
ipitate as carbo-nitrides and/or Fe2Nb if the steel is processed or
sed at high temperatures. Fine Fe2Nb precipitates which formed
uring the early stages of ageing, contributed to high temperature
trength in a 0.01C–0.38Nb ferritic stainless steel [9], whereas fine
e2Nb precipitates, in spite of its large quantity, did not reduce the
mpact value as much as the coarser Laves phase that had formed on
he grain boundaries upon slow cooling. An attempt is made here
o obtain a better understanding of the effect of annealing temper-
ture, grain size and cooling rate after solution treatment on the
ffect that the steel’s Laves precipitates have on the impact proper-
ies. In a parallel study to be reported elsewhere, the precipitation
inetics of the Laves phase in this and other similar steels, have
een quantified through XRD of electrolytically extracted precip-

tates and a TTP diagram for their formation has been established
10].

. Experimental procedure

Table 1 shows the chemical composition of the AISI 441 steel
hat was used in this study, which was supplied by Columbus Stain-
ess as a 7.8 mm thick hot band material after it was found to be too
rittle for further processing. The equilibrium fraction and the dis-
olution temperature of the various expected precipitates for this
omposition were calculated using Thermo-Calc® (TCFE3 database)
nd were compared to quantitative volume fraction measure-
ents by XRD of the Laves and carbo-nitride second phases from

lectrolytically extracted precipitates from solution treated and
sothermally annealed specimens. For impact fracture purposes,
s received specimens of the already brittle coil that contained
large volume fraction of secondary phases, were isothermally

nnealed in the temperature range of 600–1100 ◦C for 30 min in
n argon atmosphere and then water – quenched to bring the
lready existing secondary phases to isothermal equilibrium in vol-
me fractions. Both Charpy impact and tensile test specimens were
repared as subsize specimens in accordance with ASTM E23 and
STM E8, respectively. Both the Charpy and the tensile specimens
ere machined in a direction transverse to the rolling direction,
hereas the notches were machined parallel to the rolling direc-

ion but within the rolling plane. All the tests were performed at
oom temperature, except for those where the ductile-to-brittle
ransition temperatures (DBTT) were determined.

Metallographic specimens were etched electrolytically in a 60%
itric acid solution at a constant potential of 1.5 V dc for a period
f 30–120 s. Scanning electron microscopy (SEM) samples were
tched for longer periods for secondary phase analysis. A Joel
SM-6300 scanning electron microscope (SEM) was used for EDS
nalyses of the secondary phases. Quantitative weight fraction
eterminations from electrolytically extracted precipitates on solu-
ion treated and isothermally annealed specimens were carried out
y XRD as reported elsewhere [10].

The effect of cooling rate on the embrittlement of this steel was

nvestigated using a Gleeble® 1500D Thermal Simulator by using
ubsize Charpy samples that were solution annealed in situ at tem-
eratures of 850 and 950 ◦C for 5 min in an inert argon atmosphere
ollowed by programmed forced cooling with helium at different
inear cooling rates of between 1 and 50 ◦C/s.
Si Ti Ni N Nb

0.50 0.153 0.190 0.0085 0.444

3. Results

3.1. Equilibrium thermodynamic modelling by Thermo-Calc®

The recommended temperature range when using Thermo-
Calc® (TCFE3 database) is from 700 to 2000 ◦C [11] but the
thermodynamic data for the intermetallic Laves phase within the
database are less reliable than for many other phases within this
steel.

Fig. 1(a) shows the Thermo-Calc® prediction of equilibrium
weight fraction of the Laves phase for this particular composition
of steel as a function of annealing temperature, which is esti-
mated to be about 0.62 wt.% at 700 ◦C, decreasing gradually until the
solvus temperature of 825 ◦C of the Laves phase is reached, which
is in broad agreement with general results from others on simi-
lar steels [5,6,12]. The XRD analysis of the as received plant-brittle
steel indicate that the weight percentages for the Laves phase and
(Ti,Nb)(C,N) to be about 1.14% and 0.33%, respectively. In the same
Fig. 1 the measured weight fractions for equilibrium annealing are
also shown. Note that the measured Laves phase equilibrium solvus
temperature appears to be about 875 ◦C against the predicted value
of 825 ◦C for this particular steel composition. Thermo-Calc® pre-
dicts that the composition of the Laves phase consists mainly of Fe
and Nb in the ratio 2:1, with less than 0.1% mole fraction of other
alloying elements such as Ti and Cr present. Therefore, it can be
Fig. 1. Thermo-Calc® calculations for the (a) equilibrium weight fraction of Laves
phase in this composition of AISI 441 steel. The dotted line and data points lying
above the full line, are the actually XRD measured equilibrium weight fractions. (b)
The isopleth diagram at 17.9%Cr showing the stable equilibrium phases in type 441
stainless steel with a constant amount of alloying elements and 0–0.5 wt.% of carbon.
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ig. 2. SEM micrographs showing the effect of annealing temperature on the morph
d) 900 ◦C; (e) 950 ◦C; (f) 1000 ◦C.

hich the expected presence of the (Ti,Nb)(C,N) is confirmed. This
gure predicts that the stable phases in this steel with 0.012%C
marked with the arrow in Fig. 1(b)) are the Laves phase, carbo-
itrides and the sigma phase in a structure that remains completely

erritic from its initial solidification.

.2. Effect of solution treatment on the microstructural and
echanical properties

The morphology of the various precipitates changes with the
nnealing treatment, as revealed by the two types of precipitates
bserved by SEM in Fig. 2. Only the large particles could be analysed
uccessfully while the small precipitates were later analysed using

ransmission electron microscopy (TEM) and XRD techniques and
ere found to be the Laves phase.

The SEM results from Fig. 2 confirm the Thermo-Calc® pre-
ictions, in that both nitrides and carbides form as complex FCC
Ti,Nb)(C,N) precipitates with the Ti(C,N) nucleating first and then
of the second phase. (a) As received; and solution annealed at: (b) 850 ◦C; (c) 875 ◦C;

the Nb(C,N) nucleating on its surface as a shell or alternatively as
a cluster of loose particles around the Ti(C,N). This is not surpris-
ing as Ti(C,N) is known to have a lower solubility than Nb(C,N) and
will, therefore, form first during cooling from the melt while the
Nb(C,N) forms at slightly lower temperatures by heterogeneous
nucleation on the existing Ti(C,N). Craven et al. [13] observed that
the (Ti,Nb)(C,N) complex has a least soluble core consisting of TiN
that precipitates at higher temperatures during cooling from the
melt, and the Nb/Ti ratio in the core is markedly affected by the
cooling rates during solidification and later thermomechanical pro-
cessing. From the extracted precipitates, the weight percentage of
(Ti,Nb)(C,N) in the steel after solution treatment and isothermal
annealing was measured as only about 0.108% for all annealing

temperatures from 600 to 900 ◦C, a value that is confirmed by
Thermo-Calc® predictions and is much smaller than the typical
measured and predicted Laves phase weight fractions.

The SEM results in Fig. 2 also confirm qualitatively that the
volume fraction of fine Laves phase precipitates in the isother-
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ig. 3. Effect of annealing temperature on the room temperature Charpy impact ene
or 30 min and then water quenched.

ally equilibrated as received specimens as a function of annealing
emperature decreases in quantity as the annealing temperature
ncreases in a manner similar to the Thermo-Calc® predictions as

ell as the measured equilibrium values after solution treatment

nd isothermal annealing. The decrease in weight fraction as the
olvus temperature is approached releases an equivalent amount
f niobium into solid solution which will increase the high temper-
ture strength of this material [1,4,5].

ig. 4. Examples of the Charpy fracture surfaces after annealing at the temperatures of: (a
rrowed internal cracks.
f the as hot rolled and annealed steel. The specimens were annealed at temperature

The results for the room temperature Charpy impact tests of the
as received but equilibrated specimens as a function of isothermal
annealing temperature are shown in Fig. 3, with the as received
plant-brittle specimens showing an impact strength of only 10 J.

The Charpy impact energy (CIE) of the subsequently equilibrated
specimens shows a maximum of about 60 J for the specimens
annealed at 850 ◦C, but with a decreasing CIE on both sides of this
temperature. Annealing at 900 ◦C and above where no Laves phase

) as received specimen; (b) annealed at 850 ◦C; and (c) annealed at 900 ◦C. Note the
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Fig. 5. Effect of annealing temperature above 850 ◦C on the grain size.

as found to be present, the CIE averaged only 10 J. It is concluded
hat above 850 ◦C, grain growth plays a major role in lowering
he impact energy, but below 850 ◦C where no significant grain
rowth was found to occur, the precipitation of the intermetallic
aves phase appears to contribute to the lowering of the impact
oughness. Comparing these results with both the predicted and

easured values from Fig. 1, it is seen that as the volume fraction
f the Laves phase decreases with a rise in the annealing tempera-
ure towards the predicted solvus of 850 ◦C, the impact toughness
lso increases to its maximum of 60 J. Beyond 850 ◦C the observed
rain growth plays a major role in embrittling this steel, a problem
hat is well known in most ferritic stainless steels.

Typical fracture surfaces after annealing treatments are shown
n Fig. 4. In Fig. 4(a) the plant-brittle material with a CIE of only
bout 10 J is shown, with the fracture surface revealing both macro-
nd micro-voids in a dimpled surface which is characteristic of
ductile failure although the CIE was relatively low. The par-

icles within the voids in Fig. 4(a) were identified as “blocky”
Ti,Nb)(C,N) precipitates. These macro-voids appear to be formed
y the presence of these large cuboidal particles which indicates
low cohesive force between them and the steel matrix. These

recipitates which are few in number are, therefore, possibly not
he direct cause of the brittleness of the alloy. The presence of the
aves phase on the grain boundaries (see Fig. 4(a)) has, therefore,
ontributed to the brittleness of the material.
Fig. 4(b) shows the fractograph of the specimen after anneal-
ng at 850 ◦C at the maximum CIE, indicating a ductile fracture.
here are no obvious differences in the failure mode between
he plant-brittle material with a CIE of only about 10 J and the
ample annealed at 850 ◦C with a CIE of 60 J, except that there

ig. 6. TEM micrographs of the microstructures of the specimens that were annealed at
hase precipitates.
Fig. 7. Effect of annealing temperature at 850 ◦C and above on the tensile strength
and elongation.

are some Fe2Nb precipitates still present on the grain boundaries
(see Fig. 2(b)). Previous studies have shown that the presence
of Laves phase degrades the mechanical properties of this high
chromium ferritic steel within the temperature range of 500–750 ◦C
[12]. Fig. 4(c) shows the fracture surface after annealing at 900 ◦C;
showing transgranular cleavage with individual grains identified
by changes in the river markings. Fig. 4(c) shows microcracks that
are clearly visible on the fracture surface. Some cleavage or grain
boundary microcracking was occasionally observed (see arrow in
Fig. 4(c), but little role of microstructure in crack initiation could be
inferred directly.

Fig. 5 shows the grain size as a function of the annealing temper-
ature above the predicted solvus of 825 ◦C (and actual 875 ◦C) where
grain growth is expected. There is a steady increase in grain size up
to about 950 ◦C, but between 950 and 1000 ◦C there is a sudden
and rapid 60% increase in grain size. Fig. 6 shows the TEM micro-
graphs after annealing at 850 and 900 ◦C, respectively, with some
remnants of Laves phase after annealing at 850 ◦C, but at 900 ◦C
this phase had completely dissolved. This confirms the observation
from Fig. 1 that the true solvus temperatures for the Laves phase in
this particular composition of steel lies above 850 ◦C, i.e. at about
875 ◦C and not at the predicted 825 ◦C.

Fig. 7 shows the tensile properties after annealing at and above
850 ◦C. Both the Rp(0.2%) and Rm decrease while the elongation

increases with increasing annealing temperature. Significantly,
however, after annealing at 850 ◦C a relatively poor elongation is
found whereas at 900 ◦C the elongation had increased significantly,
indicating that at 850 ◦C some last embrittling Laves phase was still
present while at 900 ◦C it had completely dissolved. The effect of

(a) 850 ◦C and (b) 900 ◦C. Note that at 900 ◦C, there were no grain boundary Laves
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ig. 8. Charpy impact energy as a function of the test temperature from specimens
hat were annealed at four different temperatures, both within and outside the Laves
hase formation region.

rain growth on the Rp(0.2%) was plotted to the Hall–Petch equation,
nd was found to only apply between 850 and 950 ◦C but beyond
50 ◦C, the relationship did not hold.

.3. Effect of heat treatment on the Charpy impact energy and
BTT

CIE values at various testing temperatures on the heat treated
pecimens are shown in Fig. 8. Quenching from 850 ◦C exhibits a
aximum toughness of about 60 J at 25 ◦C and a ductile-to-brittle

ransition temperature (DBTT) of about 5 ◦C at about 30 J. Annealing
t 950 ◦C, however, resulted in the DBTT to rise to 40 ◦C while all
hese specimens fractured in a brittle manner, due to a large grain
ize. On the other hand, the upper shelf energy for the specimens
nnealed at 950 ◦C was found to be much higher, averaging about
0 J.

The grain size after annealing varied from 22 to 60 �m as the
emperature was increased from 850 to 950 ◦C (see Fig. 5). The
BTT in Fig. 8 rose with increasing grain size in both sets of spec-

mens, but the upper shelf energy seems to be independent of the
rain size, most likely caused by the presence of some Laves phase
till present at the grain boundaries after annealing at 850 ◦C (see
ig. 6(a)), thereby lowering the shelf energy to about 60 J compared
o the 90 J after annealing at 950 ◦C.

.4. Effect of cooling rate on the room temperature Charpy
mpact energy

The effect of linear cooling rate on the room temperature impact
oughness of the steel after annealing at 850 and 950 ◦C, respec-
ively, is shown in Fig. 9. This simulated the effect of the post-hot
olling cooling rate on the final grain size and the precipitation of
aves phase and hence their impact on the CIE. Rapid cooling from
50 ◦C gives higher impact energy than after cooling from 950 ◦C,
aused initially by a difference in grain size. This is observed after
ooling rates of 50 ◦C/s, where there was a difference of 34 J in
he upper shelf energy between the two respective specimens; see
ig. 9, results that are comparable to those in Fig. 3. Note further-

ore, that the impact strength after cooling from 950 ◦C is only
arginally affected by the cooling rate while this is not so after

ooling from 850 ◦C where faster cooling results in smaller vol-
mes of Laves phase forming and hence in higher impact strengths.
his is significant as it proves that the embrittling effects of a large
Fig. 9. Effect of linear cooling rate in ◦C/s on the room temperature impact toughness
of the specimens that were cooled from 850 and 950 ◦C, respectively.

grain size introduced by cooling from 950 ◦C, overrides any further
embrittlement by Laves phase caused by slow cooling.

4. Discussion

4.1. Types of precipitates found in type AISI 441

The isopleth diagram for the phases that were expected to
be stable and at equilibrium over a wide range of carbon con-
tent for this composition of the steel is shown in Fig. 1(b) of
which the presence of the main constituent of Laves phase plus
smaller amounts of (Ti,Nb)(C,N) were confirmed by XRD from the
electrolytically extracted second phases. Angular carbo-nitrides of
titanium and niobium observed here by both SEM and TEM, were
also found to be randomly dispersed throughout the structure and
these lower the melting point of the steel [15]. Excess niobium is
taken into solid solution during high temperature annealing and
is re-precipitated as very fine particles of the Laves phase (Fe2Nb)
upon either slow cooling or upon holding at intermediate tempera-
tures of 600–950 ◦C [16], leading to improved elevated temperature
strength [17,18].

Although Thermo-Calc® calculations show the presence of the
sigma phase as an equilibrium phase, others have indicated that
this phase does not form in this type of alloy and none was found
here. Sigma phase precipitates in high chromium ferritic stainless
steels but only after very long periods at high service temperatures
[19–21].

The solvus temperature for each phase in this alloy is composi-
tion dependent, i.e. for the Laves phase in this composition of steel
it was calculated by Thermo-Calc® as 825 ◦C but in practice in Fig. 1
it was found to be about 875 ◦C. A more detailed analysis of the
kinetics of nucleation of the Laves and other second phases by XRD
on electrolytically extracted precipitates in this and other similar
Nb-containing ferritic stainless steels will be reported elsewhere
[10].

4.2. Embrittlement by the Laves phase

From Fig. 3, the Charpy impact values indicate decreasing
embrittlement with increasing annealing temperature up to 850 ◦C
through a decreasing volume fraction of Laves phase (see Fig. 1).

In a Ti and Nb stabilised low C, N–19%Cr–2%Mo stainless steel
Sawatani et al. [17] observed that an increase in volume fraction
of Laves phase embrittled this steel significantly, but the authors
did not make any detailed analysis of the reasons for this. Grubb
et al. [22] have suggested that embrittlement arises from the flow
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ig. 10. TEM micrograph showing the presence of the fine Laves precipitates on
he subgrain boundaries within the rolling bands of the specimen that had been
nnealed at 750 ◦C.

tress increase associated with �′-precipitation (i.e. 475 ◦C embrit-
lement) and that this can be readily understood using the approach
f Cottrell [23,24], which provides a useful basis for understanding
he micromechanics of brittle fracture even though the model does
ot encompass all the practical modes of crack initiation. Ferritic
tainless steels generally display a substantial increase in lattice
riction stress upon rapid cooling, which leads to an increase in the
BTT, in accordance with Cottrell that predicted brittle fracture
ith grain size as a variable, will occur when:

ykyd1/2 = k2
y + �0kyd1/2 > C1GM� (1)

here �y is the yield strength, ky is the Hall–Petch slope, d is the
rain size, �0 is the lattice friction stress, GM is the shear modu-
us, � is the effective surface energy of an implied crack and C1 is a
onstant. Generally, the toughness of ferritic steels can be assessed
y the DBTT, or a temperature below which Eq. (1) appears to be
atisfied by the flow stress equalling the fracture stress, i.e. brittle
racture without any significant plastic yielding. The satisfaction
f Eq. (1) with decreasing temperature is associated with the ten-
ency for the flow stress to increase with decreasing temperature.
igh strain rates and constraints to plastic flow at the root of a
otch raise the flow stress and this lowers the value of C1, thus
romoting satisfaction for Eq. (1). According to the Cottrell model
his may be explained by the locking of dislocations by interstitials
n bcc materials that cause the flow stress to increase. However,
he solubility level of the interstitials carbon and nitrogen in fer-
itic stainless steel is sufficiently low that it is rarely possible to
istinguish between solute embrittling effects and the effect of
econd-phase precipitates.

The precipitates, in fact, become more important than the solute
hen the amount of interstitial elements significantly exceeds the

olubility limit, and this serves to increase the DBTT still further.
his embrittling effect is closely linked to the number and size of
recipitates formed on the grain boundaries. Thick precipitate films
ct as strong barriers to slip propagation across the grain bound-
ries and raise ky (see Fig. 10). In this case, an approach of Smith
25] can be used for growth controlled cleavage fracture that incor-
orates brittle precipitates on grain boundaries. Here a Laves phase
article of width Co at the grain boundary is cracked by the disloca-
ion pile-up of length d, which may be related to the grain size itself
hrough the availability of the number of nucleation sites on grain
oundaries. The fracture stress is predicted to be the effective shear
tress, and it may be analysed in a manner similar to that for the
ottrell model to obtain a failure criterion in the absence of plastic

ow:

f >

[
4E�f

�(1 − �2)Co

]1/2

(2)
d Engineering A 527 (2010) 5194–5202

where E is Young’s modulus, �f is the fracture stress; � f is the effec-
tive surface energy of the ferrite grain to the Laves particle, � is
Poisson’s ratio, and Co is the grain boundary Laves phase’s thick-
ness. This model indicates that coarser Laves particles with a higher
value of Co give rise to lower fracture stresses, and also predict that
�f is independent of the grain size. However, in practice a fine grain
size is associated with thinner particles due to a higher nucleation
rate upon forming the particles, and the value of �f is then expected
to be higher. Grain boundary Laves phase precipitation can be sup-
pressed by quenching from above the solution temperature when
the interstitial content is low. However, any fine intergranular pre-
cipitation may also increase the DBTT, as was actually found at
600 ◦C in Fig. 8, by increasing the lattice friction stress (�o). This
model appears to explain at least qualitatively the cause of the
embrittlement associated with the Laves phase in type AISI 441
steel.

Sim et al. [5] have shown on a Nb stabilised ferritic stainless steel,
that the high temperature strength decreases with increasing age-
ing time at temperatures between 600 and 950 ◦C, mainly due to
the loss of solid solution hardening as the Nb is transferred from
the matrix into the Laves phase. They also observed that the rate of
reduction in yield strength after annealing at 700 ◦C, varied linearly
with the Nb content in solid solution. They concluded that during
ageing at 700 ◦C, Nb(C,N) and Fe3Nb3C decrease the high temper-
ature strength slowly while the precipitation of the Fe2Nb Laves
phase at 700 ◦C decreases the high temperature strength more
abruptly, probably because of the Lifshitz–Slyosov–Wagner (LSW)
quasi-equilibrium coarsening rate of the Laves phase that appears
to be much faster than that of Nb(C,N). This was believed by Sim
et al. [5] to be due to the incoherent but higher energy interface
between the Fe2Nb and the matrix than with the Nb(C,N). Coarse
grain boundary Fe2Nb precipitates are, therefore, detrimental to
the high temperature strength of type AISI 441.

Other researchers on ferritic stainless steels have shown that
the tensile strength increases with annealing temperature above
1000 ◦C while the percentage elongation decreases [17]. From this
it can be postulated that as the annealing temperature increases
the amount of niobium in solution also increases from dissolution
of precipitates and this should increase the yield strength from solid
solution hardening. In the present work the same was not observed
since the tensile strength decreased with increasing solution treat-
ment temperature (see Fig. 7), probably from grain coarsening. In
a ferritic steel with composition Fe–10 at.% Cr–Nb with 0.5–5 at.%
Nb, Yamamoto et al. [18] observed that it is possible to strengthen
a steel by Fe2Nb Laves phase to give an excellent high temperature
strength. They suggested that the strength is insensitive to Nb con-
tent, but an optimum concentration of about 1–1.5 at.% Nb would
provide a proper volume fraction of the Laves phase to ensure good
room temperature ductility. None of these authors, however, had
attempted to make any correlation between the Laves phase vol-
ume fraction present and high strain rate or impact strength. It is
well known that good strength and even good ductility values at
slow strain rate testing without any sign of brittleness does occur
and the practicality of strengthening these alloys by Laves phase
needs to be approached with caution.

Both fracture and yield strength depend on grain size, and refin-
ing the latter will result in an increase of these strengths. According
to Cottrell, the embrittlement from an increased grain size becomes
effective when the flow stress practically equals the fracture stress
with very little measurable plastic strain. In this case, that will be at
950 ◦C where there is no grain boundary Laves phase present. From

Fig. 5, the grain size increase between 950 and 1000 C is about 60%.
From Eq. (1) and by increasing the grain size, both the fracture stress
and the flow stress will be decreased, and this will shift the DBTT
upwards as found here. In work by Kinoshita [26] on 18Cr–2Mo
and 26Cr–4Mo steels, no significant grain size dependence of the
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BTT was found where the grain size was varied through strain
nnealing. However, many other authors have reported such a rela-
ionship as was also found here [22–24]. Where there are grain
oundary precipitates present below 850 ◦C, the Laves phase will

ower the cleavage fracture stress. A crack nucleus is then formed
y the separation of the particle–matrix interface, and this inter-
acial crack initiates transgranular fracture, but that has not been
bserved to cause grain separation.

When the specimens are slowly cooled from annealing above
he Laves phase solvus temperature, precipitation of the Laves
hase occurs during cooling. Steels embrittled from such a
reatment behave similarly to those treated below the solvus
emperature [25]. This points to the usefulness of constructing
(time–temperature–precipitation) TTP diagram for Laves phase

ormation and such a curve was determined experimentally in
his steel and will be reported elsewhere [10]. Heat treatments
hat accelerate the precipitation of Laves phase (that is, below
00 ◦C) decrease the resistance to crack initiation significantly
uring dynamic loading. The volume fraction of the Laves phase,
articularly on the sub and grain boundaries, plays a significant
ole in affecting both the DBTT and the upper shelf energy and the
egree of embrittlement should increase as the volume fraction

ncreases at lower annealing temperatures (see Fig. 1) according to
he Smith model of embrittlement by grain boundary phases in fer-
itic steels. The width Co (in Eq. (2)) of the embrittling second phase
s related to the volume fraction Vv of the Laves phase but also to
he grain size, the latter through the grain boundary nucleation site
oncentration with a larger sub and grain size leading to a thicker
o through less available nucleation sites. Both a higher volume
raction as well as a larger sub and grain size will then decrease
he effective fracture stress through a higher value of Co. This was
ound in Fig. 3 with annealing temperatures decreasing from 850
o 600 ◦C, raising the volume or weight fraction of the Laves phase
see Fig. 1). Other authors as well as from this study to be published
lsewhere, have shown that there is an optimum annealing tem-
erature at which the quantity of the Laves phase Fe2Nb reaches a
aximum, and this temperature depends critically on the Nb con-

ent in the steel [4,6], according to a relevant TTP diagram [10]. In
he current work, therefore, the remaining quantity of Laves phase
n grain boundaries at 850 ◦C could have contributed to a reduced
pper shelf energy than that found at 950 ◦C where no Laves phase
as present any more.

On specimens annealed at 600, 700 and 850 ◦C, Fig. 1 showed
hat the equilibrated weight fraction of the Laves phase at 600 ◦C
as about 0.92 wt.%, at 700 ◦C about 0.67 wt.%, and with about

.14 wt.% present at 850 ◦C. In work to be reported elsewhere on
he kinetics of the Laves phase formation, it was observed that the
recipitation rate of the Laves phase is much higher at 700 ◦C than
t either 850 or 600 ◦C, and this resulted in a double nose TTP curve
10]. At 700 ◦C, therefore, after equal times at temperature, the vol-
me fraction of the Laves phase was much higher than either at 850
r at 600 ◦C, resulting in a lower upper shelf energy at 700 ◦C than
he specimen annealed at 600 ◦C in Fig. 8.

At room temperature in Fig. 8, which falls within the ductile-
o-brittle transitions but not at the same points for the two
emperatures, annealing at 950 ◦C is at the bottom of the transi-
ion while at 850 ◦C it is in the middle. A direct comparison of
he absolute room temperature impact values on the two curves
s, therefore, not feasible as they fall within different parts of the
ransition curve. At 950 ◦C the grain size effect is overwhelming
even more significant than the effect from the Laves phase) and the

ddition of Laves phase to an already brittle steel at slow cooling
ates, brings in no measurable further embrittlement. Therefore,
he full effect of Laves phase precipitation on the CIE is seen only
fter annealing at 850 ◦C where the grain size after 30 min remained
qual to that at lower temperatures. Therefore, annealing at 850 ◦C
Engineering A 527 (2010) 5194–5202 5201

produces a significant decrease in the CIE with slower cooling rates
that allow Laves phase to form during cooling. Annealing at 950 ◦C,
however, shows only a slight increase in CIE after slow cooling of
10 ◦C/s, and thereafter the toughness levels off with any further
increase in cooling rate. Again, as the cooling rate from 950 ◦C
decreases the amount of Laves phase that forms must increase,
but any further embrittlement from this is masked by the already
severe embrittling grain size effect. These results largely agree with
other researchers [17,24,26], with the cooling rate after solution
annealing having a pronounced influence on the impact energy
transition of low interstitial ferritic stainless steels, with the lower
cooling rates showing a higher DBTT.

4.3. Recrystallisation and grain growth

Although grain growth experienced in this alloy after anneal-
ing above 850 ◦C is generally expected, the “sudden” significant
increase in grain size by about 60% within the temperature region
950–1000 ◦C cannot be readily explained by normal grain growth
theories and needs some discussion. Firstly, “grain boundary par-
ticle unpinning by dissolution” through a Zener process [25,27]
can be discounted as at 850 ◦C where some last remnants of Laves
phase were still found, the Zener pinning or retarding force may be
relatively small, estimated at ∼2 × 104 J/m3 (i.e. small volume frac-
tion and large radius of the Laves phase) and a condition will not
easily be reached at this temperature where it effectively blocks
full recrystallisation and subsequent grain growth. A number of
authors [27,28] have proposed and observed an alternative process
of “continuous recrystallisation” in aluminium alloys in which par-
ticles occupy mainly subgrain boundaries and these only become
“released” after some coarsening of the particles, where after “full
recrystallisation” appears to occur in a gradual process. That such a
gradual process may have occurred also here is quite possible if the
TEM microstructures after 850 and 900 ◦C are compared in Fig. 6(a)
and (b). After annealing at 850 ◦C subgrains are still present and
heavily decorated by the last remnants of the Laves phase while at
900 ◦C, the subgrain boundaries have completely disappeared and
the grain boundaries are clean of any Laves or other phases. The
effective rate of continuous recrystallisation is, therefore, deter-
mined by the rate of coarsening (which is accompanied by the rate
of disappearance of the smaller particles), of the Laves phase par-
ticles. At 850 ◦C, recovery has taken place but no recrystallisation
while at 900 ◦C full recrystallisation has taken place. This shows
that at 850 ◦C, the last remnants of the smaller Laves phase par-
ticles are still effective in locking subgrain boundaries but not at
900 ◦C. The sudden increase in grain size between 950 and 1000 ◦C,
therefore, was not due to an unpinning effect of the grain bound-
aries by the Laves phase, which had already disappeared between
850 and 900 ◦C.

An alternative reasoning of “Nb solute drag of sub and grain
boundaries” may be considered in explaining this “sudden” 60%
increase in grain size at annealing temperatures between 950 and
1000 ◦C. The rate of movement vb of a grain boundary is given by
vb = pdMb where pd is the driving force and Mb the boundary’s
mobility [29]. The quantitative theory of solute drag on a mov-
ing grain boundary was originally formulated by Lücke and Detert
[29] and was later modified by Cahn [30] and then by Lücke and
Stüwe [31]. Since then, this theory has been further refined by sev-
eral authors [32–34]. The equation proposed by Cahn on the rate of
grain boundary movement as it is affected by solute drag is [35,36]:

pd 1 1 ˛Xs
vb
=

MT
=

Mo
+

1 + ˇ2v2
b

(4)

where pd and vb are defined as above, MT is the overall mobility
due to intrinsic plus solute drag, Mo is the intrinsic grain boundary
mobility in pure material, Xs is the atom concentration of solute in
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he bulk metal, ˛ is a term related to the binding energy of solute
o the grain boundary and ˇ is a term related to the diffusion rate
f the solute near the grain boundary. The product (˛Xs) primarily
overns the overall mobility MT because (1 + ˇ2v2

b
) > 1, while if

1 + ˇ2v2
b
) >> 1, then MT ≈ Mo and no solute drag occurs and only

ntrinsic drag remains. The possibility that a fundamental change
rom “solute plus intrinsic drag by Nb atoms” (i.e. controlled by the
verall mobility parameter MT) to one of only “intrinsic drag” and
ow controlled only by the intrinsic mobility parameter Mo, may
ccur within the temperature range 950–1000 ◦C in this alloy needs
o be considered. The question, however, immediately then arises
hether such a transition from “solute plus intrinsic drag” at lower

emperatures to one of only “intrinsic drag” at about 950–1000 ◦C
ould not rather be a gradual one than a “sudden” one? That such a

sudden” departure from solute plus intrinsic drag to only intrinsic
rag occurs “suddenly” at critical concentrations of the solute or at
ritical temperatures, has indeed been found by some authors.

Firstly, such a sharp “break” in the effect of low level concen-
rations of Nb in solute drag on grain boundaries, was shown by
uehiro [32] in the theoretical analysis of small Nb additions to
ron where a two orders of magnitude sudden decrease in the grain
oundary velocity vb was predicted at 700 ◦C at a critical Nb con-
entration of 0.15 wt.%.

Secondly, the analysis by Le Gall and Jonas [35] of solute drag
y sulphur atoms in pure nickel also showed that this transition
rom solute plus intrinsic drag to purely intrinsic mobility of a grain
oundary is not a gradual one but occurs at a critical temperature
hat provides a “break” in the mobility versus inverse temperature
elationship. Furthermore, this critical transition temperature was
ound to be highly dependent on the concentration of the “drag-
ing” sulphur atoms in solution [36] and may in the steel 441,
herefore, vary with different Nb concentrations in solution which,
n turn, will be determined by the alloy content and/or by the heat
reatments that have led to the Nb in solution. This mechanism
emains currently as the only plausible mechanism for the accel-
rated grain growth between 950 and 1000 ◦C and may be a useful
venue of further study.

. Conclusions

The following may be concluded from this study:

The plant-brittle as received AISI 441 steel showed a good room
temperature impact toughness after being equilibrium annealed
for 30 min at 850 ◦C while below or above this heat treatment
temperature the impact toughness decreases sharply. At tem-
peratures above 850 ◦C grain growth plays a dominant role
in lowering the impact toughness, but at temperatures below
850 ◦C, the low impact toughness was found to be associated
with the precipitation of the intermetallic Laves phase on grain
boundaries. The results of the effect of annealing temperature on
the Laves phase precipitation largely agree with the prediction
made by Thermo-Calc® as well as with the measured weight frac-
tions on solution treated and isothermally annealed specimens,
whereby an increase in Laves phase volume fraction resulted in
lowering the room temperature impact toughness.
The predicted Laves phase solvus temperature for this particu-
lar steel composition of 825 ◦C, however, was found to rather be

875 ◦C.
The ductile-to-brittle transition temperature (DBTT) is depen-
dent on both the grain size and the presence of Laves phase
precipitates on grain boundaries, but the upper shelf energy is
only dependent on the presence of the Laves phase precipitates.

[
[
[
[
[
[
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• Cooling rate after solution annealing has a pronounced influence
on the severity of the Laves phase embrittlement of the steel after
annealing at 850 ◦C. After cooling from 950 ◦C with an already
embrittled structure from grain growth, the introduction of Laves
phase during slow cooling does not introduce measurable addi-
tional embrittlement. In steels of this type, the embrittlement
caused by excessive grain growth is, therefore, overriding.

• Annealing at temperatures above 850 ◦C in this alloy, generally
expected grain growth was experienced, but with a “sudden” sig-
nificant increase in grain size of about 60% within the temperature
region 950–1000 ◦C. As no grain boundary pinning was evident
at these temperatures, it was postulated that the disappearance
of Nb solute drag may be responsible for this “sudden release” of
the grain boundaries, affecting the full recrystallisation and later
grain growth of type AISI 441 steels at lower temperatures.

• Brittle-free 441 steels of this type, therefore, have a rather nar-
row temperature “window” of about 850 ◦C coupled with a fast
cooling rate thereafter in manufacture processing.

• It has been shown that an already plant-brittle processed steel
type 441 could be recovered if solution treatment at about 850 ◦C
followed by rapid cooling were practically possible.
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